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diodes to photovoltaics. [ 1–3 ]  The latitude 
in creating new materials from organic 
synthesis combined with long standing 
knowledge of thin fi lm polymer pro-
cessing have allowed researchers to 
achieve fi eld-effect mobilities and solar 
cell effi ciencies exceeding conventional 
amorphous silicon technologies. [ 4–6 ]  
Yet, despite drastic improvements on 
the materials front, it remains a chal-
lenge to understand the mechanism of 
fi lm growth and crystallization and how 
such processes can lead to effi cient elec-
tronic charge transport in these systems. 
In stark contrast to traditional semicon-
ductor technologies where single crystal 
semiconductors (Si, Ge, GaAs, etc.) can 
be grown from the melt with exquisite 
control over defect concentrations, crys-
tallization in polymer thin fi lms is vastly 
more convoluted and both computation-
ally and empirically diffi cult to describe. 
The coexistence of both disordered and 

ordered domains, the anisotropic shape of the individual crys-
tallites and the generally weak nature of both interchain and 
intrachain van der Waals interactions all contribute to the 
complexity of the crystallization process. [ 7,8 ]  The description 
of the microstructure of a pure, semiconducting polymer fi lm, 
for instance, involves multiple length scales as a consequence 
of the different types of intermolecular forces. [ 9 ]  Further, 
the microstructure of polymer thin fi lms deposited by spin 
casting (1–10 s) and by recrystallizing from the melt at room 
temperature (< 1 s) develops on too short of a time scale for 
most detailed kinetic studies. [ 10 ]  In a recent study, Vakhshouri 
et al. were able to monitor recrystallization for P3HT at higher 
quenching temperatures. [ 11 ]  Chou et al. has also managed to 
reveal some of the intricacies in spin casting polymer-fullerene 
blends. [ 12 ]  In both cases, however, no experimental details 
regarding the growth of individual aggregates and crystallites 
or the distribution of such ordered domains within the amor-
phous matrix are presented. 

 Within the current body of literature, the crystallization 
mechanism is not known for any semiconducting polymer. 
The growth rate of crystallites and aggregates along the three 
different molecular packing directions, for instance, cannot 
be measured for most systems due to limitations presented 
above. We thus turn our attention to what we consider to be an 
ideal model system: the polymer poly(3-ethylhexylthiophene) 
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  1.     Introduction 

 Semiconducting polymers have garnered considerable 
interests over recent years due to their solution process-
ability, increasingly high performance, and potential use in 
numerous applications ranging from fl exible light-emitting 
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(P3EHT) fi rst reported by Ho et al. [ 13 ]  A relative of the ubiq-
uitous poly(3-hexylthiophene) (P3HT), P3EHT exhibits similar 
optoelectronic properties and the same semicrystalline solid-
state morphologies in thin fi lm: ordered domains coexisting 
with amorphous, disordered regions. Such similarity allows 
us to study P3EHT thin fi lms using the powerful models and 
characterization techniques that have been developed for P3HT 
over the last few decades. The aspect of P3EHT that we want 
to exploit here, however, is its slow recrystallization kinetics. 
As was previously shown, thin fi lms of P3EHT may take up to 
several hours to recrystallize at room temperature after being 
quenched from a melt. [ 10 ]  This property allows us to carefully 
observe the crystallization of the polymer fi lm using quanti-
tative analyses of grazing incidence X-ray diffraction (GIXD) 
and optical absorption spectroscopy. We can then correlate 
the evolution of such microstructures to the evolution of elec-
tronic properties in devices. Such a study allows us to identify 
both the mechanism of crystallization and the microstructures 
responsible for effi cient charge transport in semiconducting 
polymers. 

 In this study we investigate the mechanism of crystalliza-
tion in spin cast, melt-recrystallized P3EHT thin fi lms of dif-
ferent thicknesses. Time-dependent structural and optical 
measurements reveal that P3EHT aggregates grow aniso-
tropically and in a nearly one-dimensional manner along the 
polymer chain backbone. Furthermore, we show that crys-
tallization kinetics is faster in thinner fi lms and for lower 
molecular weight polymers due to chain confi nement effects. 
Time-dependent electrical measurements on fi eld-effect tran-
sistors also reveal a percolation onset for charge transport in 
both low and high molecular weight polymers. We attribute 
this onset to the formation of ordered aggregates connected by 
bridging tie chains. Although previous works have shown the 
existence of tie chains, [ 14,15 ]  it is not known how charges move 
through them and whether or not the length of tie chains 
within amorphous domains play an important role for charge 
transport. Here we show that tie chains allow for percolation 
even in short chain (<10 kDa) polymers and are only effective 
at bridging aggregates spaced within a relatively short distance 
from each other.  

  2.     Results and Discussion 

  2.1.     Crystallization Mechanism of Individual Aggregates/
Crystallites 

 We fi rst address the molecular packing of P3EHT in the solid 
state. Boudouris et al. showed that P3EHT exhibits a substan-
tially different unit cell than that of P3HT. [ 10 ]  However, refi ned 
crystal structure calculations of GIXD data using previously 
established methods [ 16 ]  (data not shown) reveal that P3EHT 
does pack with the same anisotropic structural motif as P3HT: 
π- and alkyl stacked polymer chains oriented edge-on (≈100%) 
with respect to the substrate. Determining the exact crystal 
structure is outside the scope of this report and will be the sub-
ject of a separate publication. Nevertheless, due to structural 
similarities between the two polymers, we are able to apply to 
P3EHT thin fi lms numerous models and characterization tech-
niques developed specifi cally for P3HT. For instance, the optical 
absorption and emission spectra of P3EHT display the same 
features as those of P3HT. We will also use the same distinc-
tion between different structural species previously presented, 
wherein an aggregate composes of π-stacked polymer chains 
and a crystallite consists of alkyl-stacked aggregates. [ 17 ]  

 Spin cast P3EHT thin fi lms of different thicknesses ( M  w  
= 6.9 kDa,  M  n  = 6.5 kDa, PDI = 1.06) are melted at 120 °C, 
quenched to room temperature, and then monitored over 
time using a combination of 2D GIXD and optical absorption. 
Time-dependent absorption spectra of P3EHT are fi tted using a 
weakly coupled H-aggregate model by F.C. Spano, which allows 
for the determination of the percent aggregates. [ 18–20 ]  Pole 
fi gures are also compiled from the GIXD patterns and the rela-
tive degrees of crystallinity (rDoC) are calculated according to 
our previous report. [ 10 ]  These quantitative analyses show that, 
after quenching, both the percent aggregates and the rDoC's 
increase as the fi lms recrystallize ( Figure    1  a,b). In addition, 
the kinetics of this process is thickness-dependent. A 17 nm 
fi lm, for instance, stabilizes within ≈30 min whereas a 169 nm 
fi lm takes up to 80–90 min to fully recrystallize. This thickness 
dependence can be attributed either to preferential heteroge-
neous fi lm growth from the substrate-polymer and air-polymer 

Adv. Funct. Mater. 2014, 24, 4515–4521

 Figure 1.    Summary of time-dependent a) percent aggregates, b) rDoC, c) excitonic bandwidths, d) coherence lengths along the π-stacking direction, 
e) crystallite size along the alkyl stacking direction, and f) aggregate lengths along the chain backbone. Percent aggregates, excitonic bandwidths, 
and aggregate lengths are extracted from models by Spano and Giershner [ 18,23 ]  while rDoC values are calculated from pole fi gures. Coherence lengths 
along the (120) and crystallite sizes along the (h00) directions are determined using Scherrer’s equation and Williamson Hall analysis, respectively.
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interfaces, or to reduced degrees of freedom of the chains due 
to confi nement effects forcing the molecules in confi gurations 
favorable to crystallite growth. We will show that the latter is 
the main mechanism for enhanced crystallization kinetics in 
thinner fi lms.  

 A more sophisticated analysis of optical absorption and X-ray 
diffraction is also used to monitor the kinetics and shape evo-
lution of individual aggregates and crystallites. According to 
a model by Gierschner et al., interaction lengths of a polymer 
chain within an aggregate can be calculated from the excitonic 
bandwidths ( W ), which are extracted from a Spano fi t to the 
absorption spectra [ 18,19 ]  (see supporting information). Further, 
we estimate the crystallite size along the alkyl stacking direc-
tion and the coherence length along the π-stacking directions 
by analyzing (h00) and (120) peak widths, respectively. Note 
that the (120) crystallographic direction is not exactly along the 
π-stacking direction though the difference between the two is 
within only a few degrees. [ 21 ]  Such a combination of techniques 
allows us to calculate the average coherence lengths along all 
three molecular packing directions as a function of time. The 
results show, fi rstly, that the coherence length along the (120) 
planes does not change signifi cantly over the time span of 
the recrystallization process (Figure  1 d) and remains around 
≈6–9 nm as calculated from Scherrer’s equation. This sug-
gests that aggregates nucleate and grow very quickly along the 
π-stacking direction (<1 min), and do not refi ne their structure 
along this direction at longer times as the fi lms recrystallize. 
Note that additional growth may exist along the π-stacks at long 
times. However, chains separated by a distance longer than the 
estimated 6–9 nm are not coherent and thus considered to be dif-
ferent entities. For instance, “π-stacks” with a size of 12–18 nm 
would be structurally defi ned as two separate, aggregated 
species. 

 In contrast, crystallites do grow along the alkyl stacking (h00) 
direction (Figure  1 e) from an initial size of ≈12 nm to a char-
acteristic size of ≈30–32 nm at an estimated rate of 1.4 nm per 
minute, as calculated from a Williamson Hall analysis. The 
size of crystallites in fi lms close to or thinner than 30–32 nm 
is confi ned to that of the fi lm thickness, similar to that observed 
for P3HT. [ 22 ]  In other words, a 17 nm fi lm would only con-
tain crystallites equal to or smaller than 17 nm in size along 
the alkyl direction. Interestingly the growth rate along (h00) is 
thickness independent for fi lms above the characteristic crys-
tallite size. This suggests that crystallites are not growing in a 
bottom-up fashion from the interfaces but are instead nucle-
ating throughout the thickness of the fi lm. To evaluate this 
hypothesis, we investigate the effect of surface treatment on 
recrystallization dynamics in thin fi lms. As shown in  Figure    2  a 
the type of self-assembled monolayers do not signifi cantly affect 
the kinetics of fi lm growth. We do notice that fi lms spin cast 
on OTS (octadecyltrichlorosilane) dewet upon melting and may 
explain the slightly slower recrystallization kinetics observed. 
Nevertheless, the choice of interface does not signifi cantly 
impact the crystallization kinetics. In other words, though the 
microstructure at the interface may be very different from that 
in the bulk, preferential nucleation and growth from the inter-
faces does not dominate the recrystallization process.  

 Finally, we note that although growth along the alkyl 
and π-stacking directions stops after ≈20 min for thicker fi lms, 

crystallization continues for much longer. Indeed after 20 min, 
a 169 nm fi lm is only ≈30% as crystalline and ≈60% as aggre-
gated as its fi nal state. We show here that the remaining crys-
tallization is attributed to growth of aggregates and crystallites 
along the polymer chain backbone. Figure  1 f shows that the 
time scale over which aggregate length growths, as calculated 
from  W  (Figure  1 c), [ 23 ]  matches that of fi lm recrystallization 
(Figure  1 a and Supporting Information, Figure S6). This type 
of growth most likely results from chain reorganization and is 
shown to occur faster as the fi lm thickness decreases. For all 
fi lms, aggregates grow from initial lengths of ≈3–6 nm to fi nal 
lengths of ≈7–11 nm. Thus the mechanism of recrystallization 
at long times is dominated by aggregate and crystallite growth 
along the chain backbone direction, as depicted in  Figure    3  .  

 Here we would like to address the difference between aggre-
gates and crystallites in the context of growth and crystalliza-
tion. As we have described in a previous publication, [ 17 ]  the 
“degree of aggregation” is related to the density of π-stacked 
polymer chains while “crystallinity” refers to the volume frac-
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 Figure 2.    a) Percent aggregates as a function of time for spin-cast 
181 nm thick fi lms on different surfaces. As shown, surface energies seem 
to not signifi cantly affect the recrystallization kinetics. Also plotted are 
b) percent aggregates and ~rDoC as a function of fi lm thickness.

 Figure 3.    A schematic demonstrating how the reorganization of polymer 
chains leads to chain extension (bold segments) and thereby aggregate 
growth. Charge percolation is expected to occur once the bridging tie 
chain (dotted) is on the order of the polymer persistence length.
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tion of the fi lm which is alkyl stacked. This was demonstrated 
by comparing the percent aggregates and relative degree of crys-
tallinity (rDoC) as a function of fi lm thickness. [ 17,22 ]  The results 
showed that thinner fi lms are generally more aggregated and 
less crystalline as is defi ned above. In Figure  2 b we plot the per-
cent aggregates and ∼rDoC as a function of fi lm thickness for 
low MW P3EHT. Clearly the same trend is observed for P3EHT 
and supports the idea that, similar to P3HT, P3EHT aggre-
gates and crystallites are distinct. Based upon these defi nitions, 
crystallites have three different available growth directions 
while aggregates have only two: the π-stacking and polymer 
chain backbone directions. It is therefore important to keep this 
distinction in mind when comparing crystallization rates from 
different techniques. Diffraction and calorimetry, for instance, 
generally probe crystallites while optical measurements tend to 
probe aggregates. 

 Since aggregates are shown above to grow along only one 
direction, in this case the chain backbone, they exhibit one-
dimensional growth kinetics. To this end we fi t the time-
dependent percent aggregates for all fi lm thicknesses using a 
modifi ed Avrami model:

    (1 exp( ))g oA A kt An= − +   (1) 

 Here  A  is the total percent aggregates,  A  o  is the initial per-
cent aggregates ( t  = 0),  A  g  is the percent aggregates gained at 
long times (the sum of  A  o  and  A  g  is the fi nal percent aggre-
gates of the fi lm), and  k  and  n  are Avrami parameters related 
to the growth kinetics. We are interested in  n , the dimension-
ality of the recrystallization process. For nearly all P3EHT thin 
fi lms  n  lies roughly between 1 and 2 ( Table   1 ), which is in 
agreement with the hypothesized one-dimensional growth. [ 24 ]  
Thus the rate-limiting step for thin fi lm recrystallization lies 
in the reorganization and extension of polymer chains that 
lead to aggregate growth along chain backbones. This conclu-
sion is consistent with the faster growth rate along the chain 
backbone (Figure  1 f) and the higher degree of aggregation in 
thinner fi lms (Figure S5, Supporting Information). It also pro-
vides an explanation for the thickness dependent crystallization 
kinetics. In thicker fi lms, polymer chains have a higher degree 
of freedom and can be oriented perpendicular or parallel to the 
substrate. [ 25 ]  However, as the fi lm thickness decreases, chain 
backbones are forced to lie more parallel to the substrate and 
thus less likely to become entangled with adjacent chains. 
This supposition is supported by an observed decrease in the 
FWHM of the pole fi gures (see supporting information), which 

implies that thinner fi lms are better oriented than thicker 
fi lms. We hypothesize that this suppression of polymer chains’ 
degrees of freedom through thickness confi nement improves 
the ease of chain reorganization, resulting in enhanced crystal-
lization kinetics in thinner fi lms of P3EHT.   

 To ensure that these growth mechanisms do not apply only to 
low molecular weight polymers, we also perform detailed struc-
tural studies on a higher molecular weight batch of P3EHT ( M  n  
= 22 kDa). The results show that, in higher molecular weight 
P3EHT, aggregates also form in one dimension and the crys-
tallization kinetics are thickness-dependent. The main effect of 
the increased molecular weight is on the rate of recrystalliza-
tion, which occurs ≈1.5–2 times more slowly than that of the 
lower molecular weight polymer (see supporting information). 
This difference is attributed to more twists and bends that exist 
in longer polymer chains and, as a result, a higher energy bar-
rier for chain reorganization. Hence the observed mechanism 
for crystallite growth is general for P3EHT and may describe 
crystallization in other polythiophenes as well. Isothermal crys-
tallization of bulk P3ATs, for instance, was shown by differential 
scanning calorimetry (DSC) to yield  n  values well below 2. [ 26–28 ]  
P3HT crystallization within bulk heterojunctions also exhibit a 
diffusion-controlled growth process with  n  values ≈1. [ 29 ]  These 
slower growth kinetics were explained by the slow diffusion 
rate of individual polymer chains, which is in good agreement 
with our results.  

  2.2.     Relating Thin Film Microstructure to Charge Percolation 

 The slow growth of aggregates and crystallites can be exploited 
to understand charge transport and percolation in P3EHT thin 
fi lms. Towards this end we fabricate bottom-gate, bottom-con-
tact FETs by spin casting P3EHT onto gold-patterned Si sub-
strates with a 200 nm thermal oxide layer. In melt-annealed 
fi lms quenched at room temperature, the mobility increases 
over time from ≈10 −6  to ≈5 × 10 −5  cm 2  V −1  s −1 , consistent with 
previous fi ndings, [ 10 ]  and occurs more quickly for thinner 
fi lms and lower molecular weights ( Figure    4  ). Interestingly the 
increase in fi eld-effect mobility as a function of time is thick-
ness-dependent even though transport in FETs occurs only 
within the fi rst 1–2 polymer layers. [ 30 ]  We thus conclude that 
the transport layer, represented by the polymer-dielectric inter-
face, grows at nearly the same rate as the bulk fi lm. This obser-
vation further supports our proposed model where aggregates 
do not grow preferentially from the interface(s) but instead 
throughout the thickness of the fi lm.  

 We also collect absorption spectra of fi lms spin cast from the 
same solution onto glass substrates and obtain time-dependent 
percent aggregates for each thicknesses. Below we plot the 
fi eld-effect hole mobility as a function of percent aggregates 
for two fi lms of low and high molecular weights (Figure  4 c). 
Because FETs only probe transport within the fi rst few nanom-
eters of the fi lm, we focus here only on thin fi lms such that 
the structure of the entire fi lm refl ects that of the interface (see 
supporting information for complete data sets). [ 17 ]  Surprisingly 
we observe a clear percolation onset in charge transport even 
for low molecular weight P3EHT: above a certain threshold, 
the mobility increases exponentially as a function of percent 
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  Table 1.    Summary of extracted parameters from the Avrami fi t for P3EHT 
fi lms of different thicknesses.  

Film Thickness 
[nm]

 k  n 

169 0.000122 2.34

125 0.00328 1.61

84 0.0111 1.59

41 0.0826 1.26

26 0.184 1.04

17 0.239 1
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aggregates. The lower observed onset for higher molecular 
weight P3EHT suggests that charge transport can occur more 
effi ciently at lower aggregate densities when longer chains are 
present. 

 In order to explain these phenomena, we fi rst consider 
requirements for charge percolation in semiconducting polymer 
thin fi lms. Previous studies have shown evidence to suggest 
that interconnecting polymer aggregates are required for effi -
cient charge transport. According to these models, charges can 
percolate when a single chain is able to bridge two otherwise 
isolated aggregates. Such a model explains the drastic increase 
in fi eld-effect mobility as molecular weight increases. [ 31–33 ]  
A P3EHT polymer chain with an  M  n  of 6.5 kDa, however, is only 
≈13 nm long whereas its average aggregate length is ≈7–11 nm 
(Figure  1 d). It is therefore too short to fully span two isolated 
aggregates (in most physical circumstances) and should not 
exhibit a percolation onset in fi eld-effect mobility. Thus we 
hypothesize that effective charge percolation in semiconducting 
polymer thin fi lms can be achieved through relatively short 
(≈2–3 nm) connecting tie chains. In such cases, polymer chains 
can bridge two aggregates given that i) at least parts of the chain 
reside in each aggregate and ii) the portion of the chain that 
resides in the amorphous region must be on the order of the 
polymer's persistence length. For P3EHT, the solution persis-
tence length has been estimated to be ≈3.0 nm, which is close 
to values of ≈2.4–2.9 nm determined for P3HT. [ 34–36 ]  

 To evaluate this hypothesis we fi rst calculate the average size 
of an aggregate and the average distance between aggregates at 
the percolation onset based on the structural and optical data 
presented previously. The percolation thresholds in thinner 
fi lms are estimated to be ≈50–54% and ≈40–42% for low (LMW) 
and high (HMW) molecular weight P3EHT, respectively, at 
which point the average aggregate size from a top-down view 

of the fi lm is ≈10 × 7 nm (LMW) and ≈7 × 6 nm (HMW). To 
make the problem tractable, we approximate the aggregates as 
circles with the same area as the average aggregate area derived 
from our experimental data (Figure  2 d). Since the aspect ratios 
of growing aggregates only range between ∼1-1.5 (see sup-
porting information), we believe this approximation to be valid. 
The corresponding diameters ( d  agg ) are ≈9.4 nm (LMW) and 
≈7.3 nm (HMW). By dividing the fraction aggregates ( FA ) by 
the total area of a single aggregate ( A  agg ), we can obtain the 
number aggregate densities at percolation. Furthermore, we 
determine the average distance between the centers of indi-
vidual aggregates ( L  agg ) according to Equation (2) and thereby 
the average edge-to-edge distance ( L  edge ) between aggregates for 
LMW and HMW P3EHT (Equation (3)).

    ( / FA)agg agg
1/2L A=   (2)  

    edge agg aggL L d= −   (3)   

 The results, as summarized in  Table    2  , show that for HMW 
P3EHT percolation occurs at a higher aggregation density but a 
smaller aggregate size in comparison to LMW P3EHT. This sug-
gests a higher nucleation rates and slower aggregate growths 
in high molecular weight fi lms. Nevertheless  L  edge  values for 
the two polymers are quite close to the estimated persistence 
length of ≈3.0 nm for P3EHT. [ 36 ]  The slightly higher  L  edge  value 
for HMW P3EHT here, taking to account the relatively large 
amounts of errors, is most likely not due to an increase in 
persistence length but to a higher concentration of tie-chains, 
which is expected for a higher molecular weight polymer. This 
result is in agreement with our hypothesis wherein percola-
tion can occur when the average edge-to-edge distance between 
aggregates are close to the persistence length of bridging tie 
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 Figure 4.    Plot of fi eld-effect hole mobilities as a function of time in fi lms of different thicknesses for a) lower molecular weight and b) high molecular 
weight P3EHT. c) Plot of the fi eld-effect hole mobilities as a function of percent aggregates in thin fi lms of LMW and HMW P3EHT. A clear percolation 
onset is observed in both cases. d) Top down view of a P3EHT thin fi lm wherein 2-dimensional, circular aggregates nucleate and grow from a melted, 
amorphous matrix.
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chains. In effect, injected charges can travel effi ciently within 
ordered domains but require bridging chains for transport 
between aggregates. If such aggregates are separated by a dis-
tance much greater than the persistence length of the polymer 
within the disordered domains, charges transported along the 
tie chain will likely encounter intrachain defects such as twists 
and torsions. These defects prevent effi cient charge percolation 
through the fi lm even for chains long enough to connect sev-
eral aggregates. The observation of percolation onsets for low 
molecular weight polymer fi lms and similar fi eld-effect mobili-
ties for both molecular weights further support the proposed 
model. We therefore conclude that effi cient charge transport 
is achievable as long as aggregates can be bridged by polymer 
tie chains and are separated by a distance on the order of the 
chain's persistence length.   

  3.     Conclusion 

 In this report we have demonstrated that P3EHT has great 
potential to be used as a model system for studying thin 
fi lm growth and crystallization in semiconducting polymers. 
Through quantitative analyses of X-ray diffraction and optical 
techniques, we show that, in melt-recrystallized P3EHT thin 
fi lms, polythiophene crystallites nucleate throughout the 
thickness of the fi lm and grow anisotropically along the alkyl 
stacking and chain backbone directions. Nucleated crystal-
lites are on the order of ≈3–6 nm along the chain backbone, 
≈6–9 nm along the π-stacking direction and ∼12 nm along the 
alkyl stacking direction. Aggregates grow as one-dimensional 
crystals only along the chain backbone direction and, as such, 
exhibit 1D Avrami growth. Further, nearly all fi lms exhibit a 
clear percolation onset in fi eld-effect hole mobility that corre-
sponds to a microstructure in which the edge-to-edge distance 
between aggregates approaches the persistence length of the 
polymer. We believe such microstructures are responsible for 
effi cient charge transport in polythiophene thin fi lms. Although 
polythiophenes are generally different from new donor-acceptor 
type polymer semiconductors with enhanced optoelectronic 
properties, recent results have shown that aggregates them-
selves are ubiquitous and of utmost importance in dictating 
charge transport properties in these systems. [ 33 ]  

 To our knowledge these fi ndings are the fi rst to describe 
the structural mechanics and kinetics of recrystallization in 
semiconducting polymer thin fi lms. Our work here provides 
not only a clear picture of how the nanoscale morphology of 
polythiophenes evolves over the crystallization process, but also 
direct insight into structural requirements for effi cient charge 
transport. Specifi cally, we have shown that inter-aggregate dis-
tance and bridging tie chains are of great importance for charge 

carrier percolation in thin fi lms. Finally the experiment results 
further substantiate the groundwork for future studies in 
polymer physics within the fi eld. Temperature-dependent crys-
tallization and fi lm growth of bicomponent materials, to name 
a few, are currently under investigation and should lead to an 
even better understanding of the underlying thermodynamics 
of crystallization in these systems.  

  4.     Experimental Section 
  Materials : Low ( M  w  = 6.9 kDa,  M  n  = 6.5 kDa, PDI = 1.06) and high 

( M  w  = 32.8 kDa,  M  n  = 22.8 kDa, PDI = 1.44) molecular weight P3EHT 
were synthesized according to previous reports. [ 13 ]  All other chemicals 
and solvents were purchased and used without further purifi cations. 

  Thin Film Fabrication : Films of different thicknesses are fabricated 
by spin casting P3EHT solutions in hot (≈80 °C) chlorobenzene 
with varying concentrations (5 to 40 mg mL −1 ) at 1200–1500 rpm for 
1 min. Substrates for X-ray diffraction, optical absorption, and fi eld-
effect transistor measurements are Si(100) wafers, plain glass slides, 
and gold-patterned, heavily doped n-type Si wafers with 200 nm of 
thermal oxides. All substrates were solvent cleaned and treated with 
UV-ozone for 20 minutes prior to spin casting. Surface treatment with 
hexamethyldisilazane (HMDS) and octyldecyltrichlorosilane (OTS) 
were performed according to our previous report. [ 17 ]  Spin casting was 
performed in a N 2  glove box (< 10 ppm O 2 ) for all fi lms. Film thicknesses 
are determined using a Veeco Dektak 150 profi lometer. 

  Grazing Incidence X-Ray Diffraction : Films of different thicknesses 
for X-ray diffraction experiments are fabricated by spin casting P3EHT 
solutions in chlorobenzene with varying concentrations (5 to 40 mg mL −1 ) 
onto solvent cleaned Si(100) wafers at 1200–1500 rpm for 1 min. 
Diffraction patterns are collected using an incident beam of 12.7 keV 
at a grazing angle of 0.1° and expressed as a function of the scattering 
vector  q  = 4π sin( θ )/ λ . Here,  θ  represents half of the scattering angle, 
 λ  is the wavelength of the incident beam,  q xy   is the component of the 
scattering vector parallel to the substrate plane and  q z   is the component 
perpendicular to the substrate plane. Spin cast fi lms are melted at 
120 °C in N 2  and then quenched to room temperature. Two-dimensional 
diffraction patterns are collected over time after quenching ( t  = 0) 
similar to previous reports. [ 10 ]  

  Linear Optical Absorption : Films of different thicknesses for 
absorption experiments are fabricated on glass substrates under the 
same processing conditions as described in part A. Spectra are obtained 
using a Varian Cary 6000i UV-Vis-NIR spectrophotometer and fi tted to a 
modifi ed Frank-Spano model (see supporting information). [ 17,20 ]  

  Field-Effect Transistor Measurements : Thin fi lms transistors are 
fabricated by spin casting P3EHT solutions onto solvent cleaned silicon 
substrates with a 200 nm layer of thermally grown oxide and patterned 
gold contacts with channel lengths between 10 to 50 µm. Transfer 
curves are collected under vacuum (≈10 −3  Torr) and hole mobilities are 
extracted in the saturation regime ( V  d  = –60 V).  

  Supporting Information 
 Supporting Information is available from the Wiley Online Library or 
from the author.  
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  Table 2.    Fraction aggregates (FA), aggregate area ( A  agg ), aggregate diameter ( d  agg ), number aggregate density, distance between aggregates ( L  agg ), 
and edge-to-edge aggregate distance ( L  edge ) at the percolation onset for low and high molecular weight P3EHT. Average fi eld-effect hole mobilities are 
also listed. For the complete time-dependent data, see supporting information.  

Sample FA  A  agg  
[nm 2 ]

 d  agg  
[nm]

# aggregate 
density [nm −2 ]

 L  agg 
[nm]

 L  edge  
[nm]

Average hole 
mobility [cm 2  V −1  s −1 ]

LMW P3EHT 0.52 ± 0.02 64 ± 7 9.0 ± 0.5 0.0082 ± 0.0011 11.1 ± 0.7 2.1 ± 0.9 (3.7 ± 0.5) × 10 −5 

HMW P3EHT 0.41 ± 0.01 43 ± 8 7.4 ± 0.7 0.0096 ± 0.0019 10.2 ± 1.0 2.8 ± 1.2 (2.0 ± 0.3) × 10 −5 
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